The Kremer-Grest (KG) polymer model is a standard model for studying generic polymer properties in Molecular Dynamics simultions. It owes its popularity to its simplicity and computational efficiency, rather than its ability to represent specific polymers species and conditions. Here we show, that by tuning the chain stiffness it is possible to adapt the KG model to model specific real polymers. In particular, we provide mapping relations from KG to SI units for a wide range of commodity polymer melts. The connection between the experimental and the KG melts is made at the Kuhn scale, i.e. at the crossover from chemistry-specific small scale to the universal large scale behavior. Nevertheless, we expect the KG models to faithfully represent universal properties dominated by the large scale conformational statistics and dynamics of flexible polymers. As an example, we compare entanglement moduli to experimental data for the target systems.
I. INTRODUCTION
Polymers are long chain molecules built by covalent linkage of a large numbers of identical monomers [1, 2] . Some properties of polymeric materials such as their density or glass transition temperature depend on chemical details at the monomer scale. Others, like the variation of the melt viscosity with the molecular weight of the chains, are controlled by the large scale conformational statistics and dynamics of long entangled chains adopting interpenetrating random walk conformations [3] . These latter properties, which are characteristic of polymeric systems, are universal [4, 5] in the sense that a large number of chemically different systems show the same behavior, if expressed in suitable material-specific units.
The character of the target properties is crucial for the choice of a model in theoretical or computational investigations. Universal properties can be studied using simple, analytically or numerically convenient lattice and off-lattice models, see e.g. refs. [3, [6] [7] [8] for reviews. In contrast, predicting specific materials properties for a given chemical species often requires atom-scale modeling [9] . A growing body of work aims at developing such coarse-grained (CG) polymer models [10] [11] [12] [13] [14] designed for specific polymer chemistries such as polyethylene [15] [16] [17] , polyisoprene [18] [19] [20] [21] , polystyrene [22] [23] [24] , polyamide [25, 26] , polymethacrylate [27] , polydimethylsiloxane [21] , bisphenol-A polycarbonate [28] [29] [30] , polybutadiene [31] , polyvinyl [32] , and polyisobutylene [21] .
Common to these approaches is the selected inclusion of specific chemical details in the coarse-grained models. They offer insights into which atomistic details of the chemical structure are relevant for partic- * Electronic address: science@zqex.dk ular non-universal polymer properties. The preservation of relevant molecular details is supposed to preserve a certain degree of transferability, i.e. models optimized to describe materials at one state point are expected to remain approximately valid at neighboring state points. [13, 33, 34] Similarly, careful coarse-graining is supposed to assure representability, i.e. the ability of a model to predict properties that it was not explicitly designed to reproduce. [35] In the present paper, we use a minimal route to include specificity into a generic polymer model, where non-trivial large scale features emerge through the same mechanisms as in the experimental target systems. With universality assuring the strongest form of representability, we expect that by matching a very limited number of conformational properties [36] , we can 1) design generic polymer models that match universal properties of real chemical polymers, and 2) map simulation results for such models to real units and hence make quantitative predictions for target systems. Without needing to be accurate on the atomic scale, such models can properly account for entanglement effects including multichain mechanism such as constraint release [37] [38] [39] [40] [41] , the formation of correlation holes [42] , chain structure [43] and polydispersity [44] , branching [45] , chemical crosslinking, [46] [47] [48] , network aging [49] , the generic effects of spatial confinement [50] , in thin films [51] , due to grafting [52] [53] [54] or the addition of filler particles in composite materials [55, 56] , as well as the welding dynamics at polymer interfaces [57, 58] Here we apply this philosophy to the most popular Molecular Dynamics polymer model introduced by Kremer and Grest (KG) [59, 60] . In the KG model approximately hard sphere beads are connected by strong nonlinear springs generating the connectivity and the liquidlike monomer packing characteristic of polymer melts. The spring potential is chosen to energetically prevent two polymer chains from passing through each other and thus to assure that the model reproduces the microscopic topological constraints dominating the dynamics of longchain polymers [60] . The KG model is formulated in the natural units of the Lennard-Jones potential describing the interaction potential between beads. The energy scale together with the bead diameter, σ, and mass, m b , define the standard Lennard-Jones system of units including the time scale τ = σ m b / .
The purpose of this paper is to establish KG simulations as a convenient tool for exploring emergent universal properties of specific polymer materials. To obtain valid coarse-grain descriptions for commodity polymer melts, we tune the strength of a bending potential introduced into the model by Faller and Müller-Plathe [61] [62] [63] . The proposed mapping relies on results of a preceding paper, where we have studied the dependence of the characteristic time and length scales in KG bead-spring polymer melts on this parameter [64] . Here we provide tables specifying a one-parameter KG force field for a wide range of experimental polymer melts, i.e. we list which bending stiffness to use for a particular polymer and how to translate KG into SI units.
The paper is structured as follows; We introduce the Kuhn scale in Sec. II, where we also express a number of chemical polymers (II B) and KG model polymers with varying chain stiffness (II C) in Kuhn units. We also derive mapping relations for static (II D) and dynamic (II E) properties, and discuss transferability (II F). In Sec. III, we use polymer theory to illustrate that two polymer samples characterized by the same two numbers are expected to display the same emergent properties beyond the Kuhn scale. We also give a concrete example in the case of the entanglement modulus for KG models of varying stiffness matches that of chemical polymers. Finally, we briefly conclude in Sec. V.
II. MATCHING AT THE KUHN SCALE
The natural units of polymer physics [3, 4, 65] are the mesoscopic Kuhn units: the Kuhn length, l K , the Kuhn time, τ K , and k B T as the natural energy scale in entropy dominated systems. Kuhn's seminal insight in the 1930s was to use an N K step random walk of segment length l K as a coarse-grain description of its large scale conformations [66] . For the proper choice of l K , the Kuhn model reproduces both, the end-to-end distance at full extension, L = l K N K , and the mean-square end-to-end distance, R 2 = N K l 2 K , of the target polymer. In particular, flexible polymers exhibit universal behavior [3, 4, 65] beyond the Kuhn scale defined by l K and the corresponding time scale τ K . In contrast, behavior on smaller scales is material specific and dependent on atomic detail. For example, the large scale flexibility has completely different microscopic origins in the wormlike chain [67] and in the rotational-isomeric-state [2] models. Similarly, there are well-documented exceptions [68] to the strong form of time-temperature superposition principle, which postulates identical temperature dependence for all microscopic relaxation mechanisms down to the atomic scale. When it comes to linking theory, experiments, atomistic and coarse-grain simulation, then we believe that the natural approach is to match them at the Kuhn scale. [69] A. The Kuhn scale
The Kuhn length,
characterizes the crossover from local rigid rod to random walk behavior. It is not straightforward to infer the Kuhn length from the chemical structure of a polymer in its melt state as it depends on intramolecular interactions, chemistry-specific local packing, and universal long-range correlations [2, 42] . However, a known Kuhn length can be used to characterize the large scale structure of polymer melts via two related dimensionless numbers.
The first such number is a dimensionless measure of chain length, the number of Kuhn segments per chain:
The second number, to which we refer as the Kuhn number, is a dimensionless measure of density,
defined as the number of Kuhn segments within the volume of a Kuhn length cube. To characterise the dynamics, one can define the friction coefficient, ζ K , of a Kuhn segment undergoing Brownian motion. Interpreting ζ K as a viscous Stokes drag, ζ K ∝ η K l K , it is convenient to define an effective viscosity at the Kuhn scale as
The fundamental time scale of the dynamics of intrinsically flexible polymers is set by time that it takes a single Kuhn segment to diffuse (D K = k B T /ζ K ) its own size. Again it turns out to be practical to incorporate some numerical prefactors into the definition of the Kuhn time:
B. Commodity polymer melts at the Kuhn scale
At a given state point (temperature), a melt of monodisperse chains (with molecular weight M c ) can be [70] . When necessary we have added the reference temperature to the polymer name when the same polymer species has been characterized at multiple temperatures.
characterized by just a few experimental observables: the mass density ρ bulk , the average chain end-to-end distance per unit mass R 2 /M c , and the maximal chain extension, L. Values for these observables a large number of typical polymers are collected in Ref. [70] . We present a selected subset of polymers expressed in Kuhn units in Tab. I. The Kuhn lengths are in the 1 − 2 nanometer range" with a Kuhn segment mass
The number of monomers in a Kuhn segment varies in the range of 1 − 13, and the Kuhn density varies in the range of 0.5 − 5nm −3 . The packing length is derived from the bulk density and endto-end distance, while the entanglement modulus and bulk density provides an estimate for the tube diameter. While these two observables varies from polymer to polymer, their ratio is roughly constant for all flexible polymers. [71, 72] The key property of a chemical polymer species are their Kuhn number, which varies in the range 2 − 12 for flexible polymers. We observe no systematic correlations between the Kuhn properties of a polymer and the Kuhn number, because they depend on chemistry specific details. However, emergent properties such as the entanglement modulus and hence entanglement length displays a strong and systematic correlation with the Kuhn density. For comparison, n K 10 in gels of tightly entangled filamentous proteins such as f-actin. [73] C. Kremer-Grest model polymer melts at the Kuhn scale
The Kremer-Grest model [59, 60] is a defacto standard model in Molecular Dynamics investigations of generic polymer properties. The KG model is a bead-spring model, where the mutual interactions between all beads are given by the Weeks-Chandler-Anderson (WCA) potential (the truncated and shifted repulsive part of the 12-6 Lennard-Jones potential),
where defines the energy scale and σ the bead diameter. The standard choice for the temperature is k B T = . Bonded beads interact through the finite-extensible-nonlinear spring (FENE) potential given by
Choosing a spring constant k = 30 σ −2 and a bond length, R = 1.5σ, where the FENE potential diverges, the bond length is l b = 0.965σ. The standard choice for the bead density is ρ b = 0.85σ −3 Faller and Müller-Plathe [61] [62] [63] augmented the standard KG model with a bending potential,
where Θ denotes the angle between subsequent bonds.
To prepare the present study, we have recently investigated the dependence of the characteristic time and length scales in KG bead-spring polymer melts on the scale of the bending energy, x ≡ βκ = κ/k B T [64] . In particular, we found for the Kuhn length: From this relation, we can directly infer the dimensionless Kuhn number, Eq. (3), characterising KG melts:
Finally, the number of Kuhn segments between entanglements, the Kuhn friction and Kuhn time of the KG model are given by 
The parameterization of the Kuhn length we believe to be valid for arbitrary values for stiffness κ, while the expressions above are valid for the chain stiffness in the interval −1 < βκ < 2.5.
D. A one parameter Kremer-Grest "force field" for commodity polymer melts
As a first step in defining a KG force field for a polymeric material we fix the energy scale to the thermal excitation energy [74] ,
The key step is the choice of the bending stiffness: we match the dimensionless Kuhn numbers n K characterising the experimental system and the model polymer melt. A priori, this requires the numerical inversion of the combination of Eqs. (9) and (10) . As shown in Fig. 1 , the approximate relation
provides an excellent approximation over the experimentally relevant range, 2 ≤ n K ≤ 15. Hence in the following we regard the KG Kuhn parameters as being functions of the Kuhn number rather than the bending stiffness of the KG model. Note that the standard KG model with βκ = 0 essentially corresponds to the intrinsically most flexible polymers such as PDMS or PI with 7 − 50% 3,4 content. Rewriting Eq. (10), we can obtain the number of beads per Kuhn length
and hence the number of beads required to represent a chain of a given length
What remains is to fix the mapping relations for the simulation units of length, mass, and time. Equating the model and experimental Kuhn lengths and accounting for the small difference, l b = 0.965σ, between the bond length and the bead diameter in the KG model, we obtain
The bead mass is obtained along the same lines by equating the experimental mass of a Kuhn segment to the mass of a Kuhn segment in the model:
Using the relations presented above, we have generated Kremer-Grest model parameters and mappings for most of the polymer species shown in Tab. I, the mapping relations are shown in Tab. II. From the mapping relations, we note that the only free parameter, the stiffness parameter varies from κ = −0.38 up to κ = 2.29 , which falls into the range where our empirical relations for Kuhn length, entanglement length, and Kuhn friction are valid.
From the mappings we note that the number of beads per monomer produced by the mapping is about 1.2 to 13. The length scale of the beads is between 4 and 10Å, the energy scale is by construction always kT . Despite fairly small variations in the length and energy scales, the unit of stress σ −3 is quite sensitive to the specific polymer species and varies between 17 and 111M P a, which is quite important when using KG models to predict the viscoelastic properties of real polymers.
E. Time mapping
Above we have provided a mapping from real polymers to KG model polymers that we expect will reproduce the same static conformational properties and hence observables. What about dynamical properties? This requires a mapping relation between the simulation time unit τ and an experimental time unit.
We have previously obtained the Kuhn time of the KG model as function of stiffness and used it to predict all the time scales of polymer dynamics, and shown good agreement agreement up to and beyond the Rouse time. [64] Using eq. (13), we can predict the Kuhn time τ K (n K ) in units of τ as function of the Kuhn number. Furthermore using eq. (11), the entanglement time is predicted as
Note that for finite chain lengths the terminal relaxation time will be significantly affected by contour-length fluctuations and constrain release. [3, 80, 83] Different experiments can be used to probe the polymer dynamics. The Kuhn time τ K can be obtained from neutron spin echo experiments whereas the entanglement time τ e (κ) = τ K (κ)N 2 eK (κ) can be measured by transverse relaxation NMR measurements. Oscillatory rheological experiments can when applying the timetemperature superposition assumption cover most of this dynamical range in frequency space. For reviews of these experimental techniques see e.g. Refs. [84] [85] [86] [87] [88] .
To accurately estimate a characteristic times scale often a model needs to be fitted to experimental data. Secondly, the experimental time scale should be determined at the same state point as that used for the conformational properties, alternatively one can attempt to use time-temperature superposition to shift an experimental time scale to the same temperature as the conformational input. Fitting models can introduce systematic errors due to the approximate nature of the models. An alternative route to obtain a time mapping is e.g. from visosity data of unentangled melts of varying chain length where we can estimate the time mapping using eqs. (21, 5) .
In Tab. III we have collected some estimates for entanglement times from various experiments to obtain time mapping relations. For some of the polymers we have assumed the time-temperature superposition (TTS) [79] to shift the entanglement times to the reference temperature used to estimate the chain stiffness. We observe that 1τ varies in a huge range from 5ps up to 50µs for the present polymers. This is in reasonable agreement with 1τ ∼ 2ps − 31ns range estimated by Kremer and Grest [60] . For the polymers where we have mapping data at several temperatures, we can clearly see that as the temperature is reduced the real time corresponding to 1τ grows significantly towards the glass transition temperature. For a-PS (413K) and a-PP (298K), the polymers are just about 40 degrees above the glass transition tem- perature. Interestingly PIB (298K) also has a very large time mapping despite being 100 degrees above the glass transition temperature. Perhaps this can be explained by intramolecular rotational barriers to relaxation dynamics specific for PIB, which has also been studied experimentally for this polymer. [89] .
F. Transferability
What happens if we change to a different state point (temperature)? Typically the static melt properties are relatively insensitive to changes of temperature: the relative density expansion coefficient is d ln ρ bulk /dT ≈ −6 × 10 −4 K −1 , while typical thermal chain expansion coefficients |d ln R 2 (T )/dT | < 10 to be quite transferable. Assuming the temperature dependence of the end-to-end distance and bulk density is known, then we can use the expressions stated above to predict the bending stiffness of the resulting KG model as well as new mapping relations for converting simulation units to SI units.
While static observables does not change significantly with temperature, the time mapping is strongly temperature dependent. Note simulations are always performed at a reduced temperatur T = 1, because we choose 
with log
. Hence we can expect an exponential acceleration of real time vs. one unit of simulation time as the experimental temperature is decreased relative to the reference temperature.
III. PREDICTING EMERGENT UNIVERSAL BEHAVIOR BEYOND THE KUHN SCALE
The separation of characteristic time and length scales in polymeric systems can be substantial. To take the example of natural rubber (cis-PI) with a Kuhn length below the nanometer scale (see Table I ), chains composed of N K = 10 4 Kuhn segments reach contour lengths in the µm range and coil diameter of the order of 100 nm. Having completed the matching of experimental systems and KG model polymer melts at the Kuhn scale, an obvious question arises: do we have reasons to believe, that this is "enough" to describe the emergent behavior on much larger scales?
In the following, we provide a brief outline of polymer theory [3, 4, 65, 91] to argue that this is indeed the case. The point of the exercise is to illustrate, that two monodisperse polymer melts are expected to show the same universal large scale behavior, provided (i) they are characterized by the same number of Kuhn segments per chain, N K , and the same dimensionless Kuhn density, n K , and (ii) properties are measured in the "natural" Kuhn units. Our KG models can be expected to have predictive power for emergent polymer properties, if we may take it for granted that this universality extends to a computational model that exhibits the key features of polymer melts: chain connectivity, local liquid-like monomer packing, and the impossibility of chain backbones to dynamically cross through each other.
We begin our short tour d'horizon with the Rouse model [3, 92] , which describes the dynamics of short unentangled polymers. Rouse considered the Langevin dynamics of a "Gaussian" chain composed of beads, which experience local friction and which are connected by harmonic springs representing the entropic elasticity of polymer sections beyond the Kuhn scale. In this model, the maximal internal relaxation time of a chain is given by the Rouse time
while the macroscopic melt viscosity can be written as
For the example of natural rubber, τ R ∼ 10 8 τ K , is a macroscopic time scale, while this initial estimate of the melt viscosity yields η ∼ 4 × 10 4 η K . The key for understanding the properties of polymer melts is the realisation, that chains strongly interpenetrate. The Flory number, n F = ρ c R 2 3/2 , is defined as the number of chains populating, on average, the volume spanned by one chain. That the Flory number is large, explains why chains behave nearly ideally in a melt [2] and why polymer systems can often be well described by mean-field theories [93, 94] . For our present purposes, it is important to note that n F and hence the degree of this interpenetration can again be simply expressed as a sole function of the two dimensionless numbers characterising a melt on the Kuhn scale:
or n F ∼ 400 for natural rubber.
Chains undergoing Brownian motion can slide past each other, however, their backbones cannot cross [3] . As a consequence, the motion of long chains is subject to long-lived topological constraints [95] . Modern theories of polymer dynamics [3] are based on the idea that molecular entanglements confine individual filaments to a onedimensional, diffusive motion (reptation [96] ) in tube-like regions in space [97] . The constraints become relevant at scales beyond the entanglement (contour) length [98, 99] , L e , or the equivalent the number of Kuhn units between entanglements, N eK = L e /l K . According to the packing argument for loosely entangled polymers [71] [72] [73] , there are
Kuhn segments per entanglement length. The (spatial) tube diameter is given by
while
defines the corresponding entanglement time, beyond which the Rouse model fails to describe dynamic correlations. Again, the point to note is, that when defined in Kuhn units, the entanglement scale only depends on the Kuhn number, n K , since the number of entanglement strands per entanglement volume,
appears to be a universal constant for all flexible polymers [71, 72, 100, 101] . In the limit of long chains the reduced maximal relaxation time is [96] is τ max = 3Z
3 τ e , where Z = N K /N eK denotes the number of entanglements per chain. Using Eq. (23), we see that
only depends on dimensionless constants, which are reproduced in KG melts parameterized at the Kuhn scale. As a consequence, the correct of number of entanglements emerges from the microscopic topological constraints in the KG melts, suggesting that they also exhibit the same asymptotic maximal relaxation time as the experimental target systems:
In slowing down the chain equilibration after a deformation, entanglements dominate the viscoelastic behavior of high molecular weight polymeric liquids. For τ e < t < τ max the shear relaxation modulus, G(t) exhibits a rubber-elastic plateau, G N = 4 5 G e , of the order of the entanglement modulus, Figure 2 shows the reduced entanglement moduli as a function of Kuhn number. The experimental data are in very good agreement with our prediction eq. (29) for flexible chains. For large Kuhn numbers, we expect a cross-over to tightly entangled behaviour. [73] We have made a semi-empirical expression [64] that appears to be in slightly better agreement with the experimental data. Figure 3 shows a comparison between experimental plateau moduli and entanglement moduli of KG melts extracted from Primitive Path Analysis [64, 83] . Most of the experimental values are within the 30% error interval around the KG models. The scatter observed between the experimental plateau moduli and the predicted plateau modulus line must be attributed either to chemical details causing some small degree of nonuniversal behaviour [102] , such as a non-negligible crystalline fraction, or to experimental uncertainties in accurately estimating the plateau modulus which can be quite difficult. [103] We also a observe an excellent agreement between our semi-empirical prediction and the KG models. The KG models are clearly able to predict the entanglement modulus of the chemical polymer species with good accuracy.
The time integral of the shear relaxation modulus is the melt viscosity. The asymptotically expected result [3] can be written as suggesting that this property should also be quantitatively reproduced by our KG models. We also expect simulations to completely account for relaxation processes such as contour length fluctuations and constraint release. [83] These effects renormalize the maximal relaxtion time and shear relaxation modulus, but in a way that only depends on Z [3, 86] and hence also has a universal dependence on the Kuhn number and the number of Kuhn units per polymer.
To model entanglement effects in the linear regime, one does not necessarily need to descend to the Kuhn scale. However, strong deformations drive chains to their maximal extension, which for long chains is given by √ N eK and is thus properly accounted for in our KG models. Furthermore is tempting to speculate, that the fricton reduction in fast elongational flows attributed to the alignment of the Kuhn segments to the stretching direction [104] might naturally emerge in KG melts, extending their applicability from the linear regime deep into the nonlinear regime. [105] IV. DISCUSSION Kremer and Grest [60] where the first to dicuss how to compare the KG model to experiment. They did not vary the stiffness, but instead matched the standard KG model (βκ = 0 in the present notation) with several polymers. They choose to match at the entanglement scale by identifying KG melts and experimental systems with the same number of entanglements (using the estimate N e = 35 (beads between entanglements) estimated from the transition from the t 1/2 to t 1/4 behaviour of meansquare displacements, where eqs. (9, 11) give N e = 75). The mapping for σ was obtained by matching the KG tube diameter to experimental tube diameters estimated from the chain statistics and plateau moduli. Finally by matching diffusion coefficients for chains in the Rouse regime, they were able to derive a time mapping. Their mapping relations for length scales and number of beads per monomer are of the order of ours.
Kröger [74] pointed out the importance of comparing dimensionless numbers when mapping, and derived mapping relations for the standard KG model by matching matching entanglement and critical molecular weight of the KG model to that of the polymer, hence he also matches simulation and experiment at the entanglement scale. Where his approach deviates from the present and that of Kremer and Grest is that he suggests to match times using the definition τ = σ m b / by inserting known mapping relations for the units on the right hand side. This matches the simulation time scale to the characteristic time it takes for a bead to moves its own size by balistic motion with the thermal velocity, which has no direct relevance for time scales of polymer physics.
Sukumaran et al. [36] compared the dimensionless ratio of Kuhn length to packing length p for the KG model to various polymers, and identified the KG model with cispolyisoprene, and obtained mapping relations for statitic structure. We note that l K /p ≡ n K , hence their criterion for matching polymers is identical to ours.
Recently Takahashi et al. [106] developed mapping re-lations between atomistic simulations and coarse-grained of polyethylene and polystyrene with the standard KG model, and showed that the KG model accurately could reproduce static and dynamic properties after applying a mapping relation. Their mapping relation was also derived by matching properties at the entanglement scale. The major difference from the present approach to those presented above is that we choose the KG model that matches the Kuhn number of the target polymer species. Hence when simulating a model system with the same number of Kuhn units per chain as a experimental system, theory suggests that all static and dynamic properties related to entanglements will emerge naturally in the simulation. Hence we can fix the mapping relations between simulation units and SI units at the Kuhn scale.
Finally, Zhang et al. [107] applied the idea of universality similar to ours as a means for rapidly generating equilibrated model polymer melts. By fixing the invariant degree of polymerization (Ñ = n 2 K N K /c 2 ∞ in our notation), they defined a hierarchy blob-chain polymer models at different scales with the same large-scale physical properties. Fine graining these to a Kremer-Grest model resulted in well equilibrated polymer models with varying chain stiffness and density of beads.
V. CONCLUSION
We have shown how to model homopolymer melts of specific chemical polymer species with an extension of the Kremer-Grest polymer model introduced by Faller and Müller-Plathe. [61] . The force field has a single adjustable parameter, the chain stiffness. By matching the number of Kuhn segments and the reduced Kuhn density (also denoted Kuhn number in the present paper) of the KG polymer model to the specific polymer, we can build KG model melts of any flexible chemical polymer species. The resulting coarse-graining level is about one bead per chemical monomer or two to three beads per Kuhn segment.
We have, furthermore, produced polymer specific mapping relations for converting simulation units to SI units, such that we can use simulations of KG model materials to predict experimental results of real polymers. In the present paper, we have compared experimental plateau moduli to those predicted by simulations, and observed excellent agreement with almost all experimental values being within 30% of the simulation prediction.
Computationally the KG models are very cheap compared to atomistic detailed simulations. Based on our time mappings based on experimental estimates of entanglement times, we estimate 1τ > 5ps. This suggests that KG models use time steps a least a factor of 50 larger than in atomistic simulations. Furthermore, KG models require just 2 − 4 beads per Kuhn segment to model a polymer. For systems close to the glass transition, the speedup in modelling the large scale behaviour along the present lines would be exponentially larger. Compared to an atomistic model, this obviously comes at the price of loosing the ability to predict any of the glassy behaviour.
The present approach also enables the generation of well equilibrated atomistic material models. Several fast equilibration procedures have recently been published for KG models. [107] [108] [109] These allow very well equilibrated highly entangled model materials to be generated relatively cheaply. Fine-graining a chemically-specific KG model material to a atomistic force field for the target polymer would allow atomistic detailed insights in model materials that are known to match the large-scale structural properties of the target polymer.
We have focused on the KG model with bending rigidity, because it has been used in a vast number of publications as a basis for studying generic polymer and materials physics, see e.g. [7, 8, 13 ] for reviews. Obviously, one could apply the same logic to bead-spring models with variable density, to models based on chains of rods rather than beads [110] or to lattice models [111] as long as these capture the relevant physics of polymers. An interesting challenge would be to parameterize a corresponding force-field for co-polymer systems or solutions. While this should, in principle, be possible at least for static properties, modelling the dynamics might no longer be as simple as adjusting a single time scale. Similarly, predicting the behavior of glassy or semi-crystalline polymers is beyond the scope of force-fields parameterized to reproduce universal properties.
